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Hydrogenation resulted in the formation of microvoids, either adjacent to the surface or
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along interphases, their coalescence, and emanation of microcracks around them. The
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microstructure of the EBM alloy displayed a discontinuous arrangement of b-phase parti-
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cles in the short-transverse direction, a smaller lattice constant of the b-phase, and more a/
b interphase boundaries, making the EBM alloy more susceptible to hydrogen embrittle-
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ment. The hydrogenated alloys were composed of aH (hcp) and bH (bcc) solid solutions as

Additive manufacturing (AM)

well as da (fcc) and db (fcc) hydrides with lattice parameters that have not been reported

Electron beam melting (EBM)

before. These hydrides were transformed from the primary a-phase. No major microstrain

Tie6Ale4V alloy

difference was observed between the EBM and wrought alloys, either before or after hy-

Titanium hydride

drogenation. Microstrains in the a and b phases increased following hydrogenation; they

Hydrogen embrittlement (HE)

were larger in the bH and da phases compared to the aH and db phases. A post-treatment
that would increase the size of the b particles is suggested to improve the resistance of
EBM Tie6Ale4V to hydrogen-induced damage.
© 2020 Hydrogen Energy Publications LLC. Published by Elsevier Ltd. All rights reserved.

Introduction
Tie6Ale4V is widely used in the aerospace, biomedical, and
other industries [1e3]. It is the workhorse titanium alloy and
has a dual microstructure, which consists of a fine-grained
hexagonal close-packed (hcp, a) phase and a distributed
body-centered cubic (bcc, b) phase. Elements such as Ti, Al
and O stabilize the a-phase, whereas V and H stabilize the bphase [1,2]. The microstructure and mechanical properties of
Tie6Ale4V are greatly dependent on the thermomechanical
processing treatments [4e7]. If the material is cooled too
slowly, the b phase becomes more noticeable and lowers the
strength and corrosion resistance of the alloy. Hydrogen is
sometimes used as a temporary alloying element to improve
the manufacturability and final component characteristics of
Ti-based alloys, a process known as thermohydrogen processing (THP) [4e6]. Hydrogen alloying results in partial
transformation of the low-temperature a-phase into either
the high-temperature b-phase or a hydride phase [4]. The
properties of aþb Ti alloys are determined by the content, size,
shape, and morphology of the a-phase and the density of the
a/b interphases [8]. Interstitial atoms such as O, N and C increase the strength significantly. The extra-low interstitials
(ELI) grade, containing small amounts of O, C, N and H, is
commonly used for biomedical applications [2].
Ti and its alloys are susceptible to hydrogen embrittlement
(HE) [9], most often by the hydride-formation mechanism [10].
The diffusivity and solubility of hydrogen in the a and b phases are significantly different. The hcp unit cell contains two
tetrahedral and one octahedral interstitial sites per metal
atom, each with a size of 0.225 or 0.414 metal-atom sphere
radius, respectively [11]. In contrast, the bcc unit cell contains
six tetrahedral and three octahedral interstitial sites per metal
atom, each with a size of 0.291 or 0.155 metal-atom sphere
radius [11]. Consequently, both the diffusivity and solubility of
hydrogen in b-Ti are higher than in a-Ti [11e18]. Nevertheless,
a wide variation is noticed in the diffusivity [17,19] and solubility [14] values for hydrogen in Tie6Ale4V, which is attributed to dependence on microstructure and b-phase content.
When the b-phase content is significant, hydrogen can

favorably diffuse within the b-phase and react with the aphase at the a/b interphase boundaries.
Hydrogen incorporation in solid solutions of a and b phases
results in lattice expansion. This leads to induced strain and to
precipitation of hydride phases, three of which are known at
room temperature: d-hydride (face-centered cubic, fcc), ε-hydride (tetragonally distorted fcc or face-centered tetragonal,
fct, with c/a 1), and metastable g-hydride (fct with c/a >1)
[13,15,16,18,20e26].
Machining of titanium is not cost-effective, whereas cast Ti
alloys have low fatigue strength and low elongation compared
to wrought Ti alloys. Additive manufacturing (AM) allows to
produce complex, intricate, geometries and small dimensions
with high precision, which is not attainable in casting or
milling of Ti alloys [2,8,27]. The microstructure, physical and
mechanical properties of AM parts are affected by many variables including the raw powder characteristics, energy density, solidification rate, atmosphere, layer thickness, etc.
[18,28]. During manufacturing, the parts are subjected to
repeated solid-state and liquid-solid phase transformations,
rapid solidification, and directional cooling [29,30]. The combination of these has a profound effect on the microstructure
of the deposited material [29,30]. Different AM technologies
yield different microstructures and phase compositions of
Tie6Ale4V products, thus resulting in different product
properties [18,31e35]. For example, the microstructure of
electron beam melting (EBM) Tie6Ale4V typically consists of a
€ tten structure) and a small
lamellar a-phase (Widmansta
amount of b-phase within the prior b columnar grains oriented along the build direction, whereas the microstructure of
selective laser melting (SLM) Tie6Ale4V typically consists of
columnar b grains and a’ martensite due to the fast cooling
rate [32,36,37].
Hydrogen may enter an AM material during its processing
(e.g., due to moisture absorption in the feedstock powder) [38],
post-treatments (e.g., thermal treatment, welding, electroplating, cleaning, acid pickling and etching, or electrochemical machining), or service (e.g., due to corrosion or
impressed current cathodic protection). The microstructure of
Ti alloys plays an important role in their interaction with
hydrogen [18,39]. Exposure of Ti-based alloys to hydrogen
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might result in formation of metal hydrides, HE, cracking, and
catastrophic failure. It has been shown that the beam current
in EBM of Tie6.5Ale3.5Moe1.5Zre0.3Si alloy affects its
hydrogen sorption in gas phase due to microstructural
changes [40]. While AM of Tie6Ale4V and the interaction of
wrought Tie6Ale4V alloy with hydrogen have been studied
extensively, only few papers have been published on
hydrogen interaction with AM Tie6Ale4V [17,18,26,41,42]. In
all of those studies, gaseous hydrogen charging was used.
Pushilina et al. [18] charged EBM Tie6Ale4V with hydrogen
from a gaseous phase at 650  C to 0.29e0.90 wt% H in the alloy.
Hydrogenation to concentration of 0.29 wt% H led to the formation of an intermetallic Ti3Al phase. As the concentration
of hydrogen was increased to 0.58 wt% H, nano-sized crystals
of d-TiH started to precipitate. As the concentration of
hydrogen was further increased to 0.90 wt% H, individual
Ti3Al plates transformed into nanocrystals, and the proportion and size of the hydride plates increased. Pushilina et al.
[17] also studied the effect of AM variables on the hydrogen
sorption behavior of EBM Tie6Ale4V. Hydrogenation was
performed from a gaseous phase at 1 atm and a temperature
of either 500  C or 650  C up to 0.3 wt% H. A coarser microstructure resulted in a lower average hydrogen sorption rate at
500  C. The difference of hydrogen sorption kinetics at 650  C
from different samples was insignificant, and a phase transformation aH þ bH / bH was observed. Laptev et al. [41]
charged EBM Tie6Ale4V with hydrogen from the gas phase at
1 atm and 650  C to hydrogen concentrations between 400 and
1000 ppm followed by aging in helium and rapid cooling to
room temperature. Hydrogenation to a concentration of
470 ppm led to the formation of 2.2 vol% g-TiH. A further increase in the concentration of hydrogen to 650 ppm resulted in
a slight increase in the content of the hydride phase, and an
increase in the content of the b-phase. When the hydrogen
content was further increased to 900 ppm, the contents of gTiH and b-Ti decreased, while the formation of a d-TiH was
observed. The introduction of hydrogen resulted in an increase in hardness and wear resistance. This was explained in
terms of microstructure refinement and formation of secondary phase precipitates. It was concluded that hydrogen not
only interacts with existing defects, but it also induces formation of new defects. Silverstein and Eliezer [26] hydrogenated SLM Tie6Ale4V from a gaseous phase at 0.5 MPa and
500  C for 10 h, thus forming hydrides and establishing a
presumably homogeneous hydrogen content of ~100 wtppm
along the bulk sample. The susceptibility to HE significantly
depended on the printing direction. Hydrogen desorption
appeared in two peaks; the first peak was speculatively
ascribed to dislocations or grain boundaries, while the second
peak was speculatively ascribed to decomposition of a Tihydride phase. Gaddam et al. [42] reported the effect of
hydrogen on the mechanical properties of both cast and EBM
Tie6Ale4V that were first hot isostatically pressed (HIP). Hydrogenation was conducted from the gaseous phase for 2 h
under a pressure gradually increased to 150 bar. Exposure to
hydrogen resulted in a decrease in the yield strength and ultimate tensile strength, with no effect on tensile ductility. The
a colony size was reported as being the most important
microstructural feature affecting the tensile and low-cycle
fatigue (LCF) properties in hydrogen atmosphere.
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To date, no study has been reported on either electrochemical hydrogenation of EBM Tie6Ale4V or the susceptibility of this alloy to hydrogen-induced damage compared to
its equivalent wrought alloy. Such a study is of practical
importance since the origin of hydrogen entry in electroplating, corrosion, cathodic protection, some other posttreatments, and service environments is electrochemical.
Furthermore, electrochemical hydrogenation is quite
different than gaseous hydrogenation. In electrochemical
hydrogenation, a much higher hydrogen fugacity (of the order
of 106 atm, corresponding to a pressure of 104 atm) can be
developed at the metal surface, a higher amount of hydrogen
can be absorbed in the metal, the distribution of hydrogen in
the bulk metal is less uniform (a concentration gradient often
exists), surface damage and formation of defects is more
pronounced, both trapping in the bulk metal and trapping at
the surface are important, and the reproducibility is lower
[43,44]. In addition, a thick and adherent layer of hydride may
form on the surface of hydride-forming metals, and the
amount of hydrogen charged into the sample cannot exceed
the terminal solid solubility (TSS) of hydrogen in the alloy in a
following homogenization process [45]. In contrast, gaseous
hydrogenation, which is typically performed at high temperature, involves dissociation of the H2 molecules on the
metallic surface of the material, followed by the adsorption
and diffusion of the hydrogen atoms into the metallic bulk. In
this case, the amount of hydrogen charged is not limited to the
TSS of hydrogen in the alloy, and the sample can be hydrided
completely [45]. Although it can be argued that Sievert’s law
can be applied to both charging techniques and that once
atomic hydrogen has been absorbed in the metal e the HE
effects will be similar regardless of the hydrogen source,
material test data acquired from electrochemical hydrogenation may not be treated as identical to the data acquired from
testing in high-pressure gaseous hydrogen [43,46e50].
The objective of this work is to compare the behavior of
electrochemically charged hydrogen in EBM Tie6Ale4V alloy
to that of the wrought Tie6Ale4V alloy. We show that EBM
Tie6Ale4V is more susceptible to electrochemically charged
hydrogen damage compared to its wrought counterpart due to
different microstructure. The relations between alloy microstructure and hydrogen behavior are studied in both EBM and
wrought Tie6Ale4V with a similar b-content of ~6 wt%,
following electrochemical hydrogenation at room temperature for 1e4 days.

Materials and methods
Sample preparation from the EBM and wrought Tie6Ale4V
alloys
A tray of Tie6Ale4V samples was manufactured at the AM
Center of Rotem Industries Ltd. (Mishor Yamin, Israel) using
an Arcam Q20 Plus EBM machine. A standard Grade 5 spherical powder with a size distribution of 45e106 mm, and standard printing parameters of 60 kV accelerating voltage, beam
current of 28 mA, speed function 32 (~2400 mm/s base beam
speed) and layer thickness of 90 mm were utilized. The process
temperature was kept in the range of 750e850  C. A chamber
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pressure of 4  103 mbar was maintained with a helium leak
valve. Rod specimens were orientated in the XY plane of the
tray. Fig. S1 (Supplementary file) shows representative asbuilt samples with two different geometries. Wrought
Tie6Ale4V Grade 23 (ASTM F136) was produced by Dynamet
Inc. (Washington, PA, vendor Barmil Petach-Tikva, Israel).
Samples with nominal dimensions of 18  18  0.3 mm3 were
cut by electric discharge machining (EDM), mechanically
ground and polished on both sides down to 1 mm (Fig. S2). The
sample surface was activated by rinsing the polished samples
in a solution of 2.5 N HNO3 with 20 g/L NaF for 15 s, followed by
rinsing in distilled water. This activation solution is a mild
version of the well-known Kroll’s reagent, commonly used as
an etchant to reveal the microstructure of Ti alloys.

Electrochemical hydrogenation
Electrochemical hydrogen charging was done galvanostatically (j ¼ 25 mA/cm2) in a two-electrode cell at room temperature (RT) for 1, 2, 3, or 4 days. The alloy sample was the
cathode, while a cylindrical Pd90Pt10 (wt%) was the anode.
The electrolyte was H3PO4:glycerin (1:2 vol). Glycerin-based
electrolytes have been used before [51], also to charge Tibased alloys [23,52]. Since this electrolyte is viscous, the
diffusivity of hydrogen molecules in it is quite low (according
to the StokeseEinstein law), and the equilibrium between
hydrogen atom adsorption on the metal surface and hydrogen
recombination into molecules in solution (the Tafel reaction)
is shifted towards the former [51,53]. This electrolyte is also
relatively not corrosive [51]. However, since it is hygroscopic,
its use is limited to several experiments only [51,53]. The
electrolyte was purged with Ar for 30 min prior charging.
Purging continued above the electrolyte during charging to
prevent oxygen absorption. A fresh electrolyte was prepared
for each experiment. Black residues were observed on the
surface of the cathode as well as in the electrolyte after each
hydrogenation experiment. The nature of these residues is
discussed in the Supporting Information file and Fig. S3
therein, along with variables that affected the characteristics
of charging.

Material characterization
Chemical composition and density
The chemical composition (all metals, excluding gases) of the
non-hydrogenated alloys was determined by glow discharge
optical emission spectrometry [54e57] (GDOES, GD-Profiler
2™, Horiba Jobin Yvon S.A.S., Longjumeau, France). This
technique allows measurement of depth profiles of constituent elements (including hydrogen) in a solid specimen by
detecting atomic excitation into plasma by a non-thermal
glow-discharge (sputtering) source. Advantages of this technique include the ability to analyze large specimens with high
depth resolution (a few nanometers), quickly, and with no
need for ultrahigh vacuum [56]. The analysis was made on a
cross-section (see Fig. S4), thus it reflects the bulk composition, and not surface composition. Radio-frequency (RF)
power was applied to a flat sample that seals the 2 mm
diameter anode. High purity Ar (99.999%) formed as a plasma

gas at a pressure of 850 Pa, and the ions were accelerated by a
power of 50 W with a module of 6 V and a phase of 5 V.
The carbon content was measured by CSe800 carbon
analyzer (Eltra GmbH, Haan, Germany). The analysis procedure is as follows. After calibration with carbon standards, the
sample is weighed in a ceramic crucible, which is then
transferred into an induction furnace (2.2 kW power). The
sample is melted in a 99.5% pure oxygen atmosphere, converting carbon into a mixture of carbon monoxide and carbon
dioxide. The combustion gases are passed through a dust filter
and moisture absorber for purification, and analyzed in
infrared (IR) cells based on absorption. The analysis time is
70 s while the typical sample weight is between 100 and
500 mg.
The oxygen, nitrogen, and hydrogen concentrations in
the non-hydrogenated alloys were measured by an
ONHe2000 oxygen/nitrogen/hydrogen analyzer (Eltra GmbH,
Haan, Germany) that is based on the inert gas fusion technique. The measurement principle is IR radiation absorption
by gases at specific characteristic spectral wavelengths. The
analysis procedure is as follows. After calibration with
hydrogen, oxygen, and nitrogen standards, the sample is
weighed (100e500 mg) while flushing the cell with inert gas.
Then, the sample falls into a graphite crucible where it is
melted. The furnace power was 8 kW. Carbon monoxide is
generated by the reaction of carbon from the graphite crucible and oxygen from the sample. Hydrogen and nitrogen
are emitted in their elemental form. The carrier gas (99.995%
pure helium) and sample gasses travel through a filter before
entering a copper oxide catalyst, which converts carbon
monoxide into carbon dioxide. The latter is measured using
IR cells to establish the oxygen content. Nitrogen quantity is
measured in a thermal conductivity cell. For hydrogen
analysis in the thermal conductivity cell, nitrogen carrier gas
(99.995%) and the sample gas pass via a Schuetze reagent,
instead of the copper oxide catalyst. The typical analysis
time is 2 min.
The densities of the non-hydrogenated alloys were
measured by the Archimedes method, using deionized (DI)
water at room temperature. This is probably the most
common technique for determination of the density of
EBM and other AM materials and samples [58e63]. Its pros
and cons compared to other techniques for measuring the
relative density and porosity, such as micro-computedtomography (m-CT), gas pycnometry, and image analysis
of metallographic cross-sections, are discussed elsewhere
[58e60], Appendix B of [63]. In order to represent the
actual density of the bulk material, the rough surfaces of
the samples were removed prior to measurement (see
Fig. S4).

Microstructural analysis by metallography, electron
microscopy, and X-ray diffraction (XRD)
The microstructure was characterized using both a light microscope (AXIS, Zeiss, Oberkochen, Germany) and a scanning
electron microscope (SEM, Quanta 200 FEG ESEM) combined
with an energy-dispersive X-ray spectroscopy (EDS) detector
(Oxford X-Max SDD). The conditions for image acquisition
were an accelerating voltage of 20 kV and a working distance
between 7 and 10.8 mm. Local EDS analysis was carried out at
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20 keV electron beam energy at tens micron sample length
scales. In some measurements, namely determination of the
chemical composition of specific phases or crack zones, EDS
analyses were conducted at the micron-scale. Sample preparation for microscopic characterization included mechanical
grinding and polishing down to 1 mm, followed by chemical
etching in Kroll’s reagent (10 mL HF, 30 mL HNO3, 50 mL H2O)
[64]. Samples for SEM were coated with a Pd/Au thin layer to
enhance microstructural and elemental analysis.
Complementary transmission electron microscopy (TEM)
analysis was used to determine the local phase composition.
Imaging was carried out using a JEOL JEMe2100 F analytical
TEM operating at 200 kV and equipped with Gatan 894 US1000
camera and a JEDe2300 T EDS detector. The probe size during
the analysis was set to 1 nm. Probe tracking (drift correction)
contributed to the high spatial resolution, resulting in high
sensitivity analysis at the nanometer scale. JEOL Analytical
Station software (v. 3.8.0.21) was used for EDS data analysis.
The quantitative analysis was performed by the standardless
CliffLorimer method with calculated k-factors. For elements
with atomic numbers greater than 12, the k-factors can be
determined with an error in the range of 1e4%, while the
determination of k-factors for light elements is normally less
accurate.
The TEM sample was prepared by Helios NanoLab 460F1 DB
focused ion beam (FIB) instrument. The FIB is equipped with
high-resolution SEM and a micromanipulator for in situ liftout technique. It can produce thin (down to 20e30 nm) and
uniform lamella thanks to its low ion energy and ion beam
control capabilities. Using this technique, a careful extraction
of a section from the sample’s surface was possible.
XRD at room temperature was used for phase identification, phase content and microstrain analysis of the sample’s
surface. XRD measurements were performed using a D8
ADVANCE diffractometer with a Bragg-Brentano geometry
(Bruker AXS, Madison, WI, USA) and Cu-Ka radiation source
(l ¼ 1.5418 
A). A linear position sensitive device (PSD) detector
(LYNXEYE XE-T) was used, with an opening of 2.94 . Data
points were acquired at increments of 0.02 and acquisition
time of 0.25 s. The scan was within the range of 2q ¼ 10e100 ,
but information was fit from 30 since no useful information
was at lower angles. The lattice parameters were fit using
TOPAS software, ver. 5 (Bruker AXS, Madison, WI, USA), fitting
for the zero-error, lattice parameters, microstrain and phase
composition. NIST Si 640e and LaB6 660c standard reference
materials were used to calibrate for peak position and peak
shape, respectively. Peaks were fit using a TCHZ function type
where U,W,V and the asymmetry parameters were measured
using LaB6 660c and fixed to account for instrumental contributions to peak shape. As a Round Robin procedure, in order to
validate the XRD refinement results obtained as described
above, non-hydrogenated samples were also analyzed by the
X-ray powder diffraction (XRPD) method in theta/theta BraggBrentano (reflection) geometry. To this aim, a Panalytical
A)
Empyrean powder diffractometer (Ka radiation, l ¼ 1.5418 
equipped with an X’Celerator linear detector (silicon-based
position sensitive line detector) and operated at V ¼ 40 kV,
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I ¼ 30 mA, was used. The XRD patterns were analyzed for
phase fractions using FULLPROF software [65].

Hydrogen mapping and desorption analyses using time-of-flight
secondary ion mass spectrometry (ToF-SIMS) and temperature
programmed desorption mass spectrometry (TPD-MS)
ToF-SIMS [66e71] was used to map total hydrogen, titanium
hydrides, carbon and oxygen and to correlate their local intensity to microstructural features in the Ti alloys, as well as
to draw local hydrogen line scan profiles, determine the
average normalized intensities of both overall hydrogen and
titanium hydrides, and obtain the mass spectra. A Physical
Electronics TRIFT II system was used to this aim. A 15 keV,
600 pA Gaþ ion beam was used to acquire mass spectra, while
25 keV, 60 pA Gaþ ion beam was used for imaging. The negative secondary ions H, TiH, and Ti were used for imaging of
the sample’s fine-polished section. Before analysis, a 2 keV,
150 nA Csþ ion beam was used for sputtering of the damaged
surface layer due to mechanical polishing. Sample mounting
was done with glue. Consequently, optimal vacuum conditions could not be reached. A notable outgassing kept the
vacuum at about 1e2  109 Torr, thus causing a high background level of hydrogen in the analytical chamber. Ion images were collected from the fresh surface after Csþ
sputtering. Csþ sputtering is common for hydrogen depth
profiling because H is more sensitive than Hþ, and Csþ
sputtering can enhance yields of negative ions [69,71]. In order
to reduce the effect of residual hydrogen in the chamber (the
glue being a notable source), ion images were collected in a
dual beam mode [69], i.e. like in depth profiling. A short stage
of image collection with Gaþ analytical gun was followed by a
short sputter stage with Csþ sputter gun. Large hydrogen intensity variations due to different crystallographic phases
were evident. Therefore, comparison between the samples
was done using the average hydrogen content in the analysis
area. The accuracy of the SIMS analysis was several percent.
In the absence of calibration standards, absolute concentrations cannot be reported herein.
The hydrogen desorption profile and the total amount of
hydrogen desorbed from the hydrogenated alloys were
determined by TPD-MS. A detailed description of the homemade TPD-MS system utilized in the present study can be
found in Ref. [72]. The system was calibrated for quantitative
hydrogen analysis using a standard of TiH2 powder (Sigma
Aldrich, 98% purity), which contains a stoichiometric amount
of hydrogen (4 wt%) [73]. For each TPD measurement, a typical
sample mass of ~30 mg was utilized (loaded inside a quartz
crucible), and three to four duplicates were measured for each
type of specimen. The samples were heated from room temperature to 950  C at constant heating rates between 10 and
20  C/min under a 50 mL/min flow of high-purity He. Procedures for data analysis of TPD results (also known as thermal
desorption spectroscopy, TDS) are explained in Refs. [44,51],
while examples for the use of our homemade system [72,74] as
well as the use of TPD/TDS method in the study of hydrogenated Ti-based alloys [21,23,25,26,75,76] can be found
elsewhere.
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Table 1 e Chemical composition (wt%) of the nonhydrogenated EBM and wrought Tie6Ale4V alloys.
Element
Ti
Al
V
Fe
Mo
Cr
Mn
C
O
H
N

Wrought

AM

90.485 ± 0.006
5.558 ± 0.003
3.674 ± 0.005
0.232 ± 0.001
0.049 ± 0.000
0.022 ± 0.000
0.009 ± 0.000
0.0069 ± 0.0007
0.1296 ± 0.0064
0.0200 ± 0.0012
0.0086 ± 0.0008

90.649 ± 0.006
5.458 ± 0.003
3.589 ± 0.005
0.234 ± 0.001
0.047 ± 0.000
0.014 ± 0.000
0.009 ± 0.000
0.0145 ± 0.0014
0.2554 ± 0.0128
0.0120 ± 0.0008
0.0676 ± 0.0060

Results
Chemical composition and density
The chemical composition of the non-hydrogenated alloys is
given in Table 1. The chemical composition of the EBM alloy
matched the specification of ASTM F2924 [77], except a minor
deviation in the Al content. The chemical composition of the
wrought alloy was in agreement with ASTM F136 [78]. The
average density of the EBM and wrought alloys were
4.421 ± 0.001 and 4.424 ± 0.001 g/cm3, respectively.

Hydrogen-induced cracking and stability of samples over
storage time
While handling the hydrogenated samples it became clear
that both the wrought and the EBM alloys were embrittled by
hydrogen. After four-day hydrogenation, brittle cracking was
evident in both cases due to hand fracturing (Fig. S5).
In the first stage of this study, the possible effect of sample
storage time on the concentration of hydrogen and the phase
content in hydrogenated samples was evaluated. It was
concluded that the results should not be affected by the
storage time because: (1) the diffusivity of hydrogen in
Tie6Ale4V is not high at room temperature [17,19]; (2) previously reported TPD measurements showed no evidence of
hydrogen desorption from Tie6Ale4V at room temperature
[26]; (3) thermal desorption from samples stored in liquid nitrogen was not evident at room temperature, but started only
at 420  C; (4) the XRD pattern of a sample hydrogenated for one
day did not change as a result of storage of up to 126 days
(twice longer than the maximal aging time from hydrogenation to TPD measurements in this study).

Microstructure and local chemical composition
Fig. 1a and b shows optical micrographs of non-hydrogenated
wrought and EBM alloys, respectively. The primary a and
transformed b phases appear bright and dark, respectively
[16,34,79]. The microstructure of the wrought alloy (Fig. 1a)
consisted of large elongated grains of a-phase and a lamellar
a/b structure in between. It should be noted that the distribution of the a-phase and the lamellar structure was not

uniform in the bulk wrought alloy; some regions were richer
in the large a-phase while others were richer in the finer
lamellar structure. The microstructure of the as-built EBM
alloy (Fig. 1b) was made up of a fine acicular (thickness of a few
micrometers or less) a-phase, the boundaries of which were
surrounded by b-phase. Within prior b grains, a transformed
€ tten
aþb microstructure with both colony and Widmansta
morphology with different orientations were observed. The bphase was not continuous across the sample. This microstructure results from rapid solidification that is associated
with the EBM process and the thermal gradient in the z-direction and is manifested, among others, by columnar growth
of the prior b grains [17,32,35,37]. No cracks or significant voids
were observed in both materials. Although some articles have
reported grain size measurements in wrought [80] and AM [81]
Tie6Ale4V alloys, the accuracy of the measurements are
debatable. Therefore, in spite of our attempt to make such
measurements both manually (referring to ASTM standards
E1181, E1382, and E112) and automatically (using ImageJ image
analysis software), values are not reported herein.
After one-day hydrogenation, new microvoids became
apparent, both adjacent to the surface and in the bulk of the
wrought alloy. Some coarsening and reorientation of the
bright phase/s was evident in the microstructure of the EBM
alloy, compared to the non-hydrogenated EBM alloy, along
with the development of a dark boundary along the long,
continuous bright (lath) phase. After two-day hydrogenation,
the number of voids increased in the wrought alloy, and
cracks were initiated in the EBM alloy. After three-day hydrogenation, the number of voids did not seem to increase in
the wrought material, no cracks were observed, and reduction
in the bright region (i.e., either a or aH phase) was observed
(Fig. 1c). A brittle crack was observed in the EBM sample
(Fig. 1d) after three-day hydrogenation. The path of the crack
is clearly along the boundary between the long, continuous
white (lath) phase and its surrounding. The high density of a/b
interphase interfaces in the EBM alloy could favor local hydride nucleation and growth [82]. Microvoid coalescence was
also evident along this interphase boundary. In general, the
level of porosity/microvoids in the EBM alloy was higher than
in the wrought alloy.
After four-day hydrogenation, the amount of voids did not
seem to further increase in the wrought material (Fig. 1e), but
further reduction in the bright region was observed. The large
bright grains of the wrought material were oriented in parallel
to the short transverse direction of the sample. The microvoids formed preferentially at the boundaries between the a/
aH and b/bH phases, but no cracking along interphase boundaries was evident in the wrought material. Neither hydrogeninduced formation of a’’ martensite plates nor increase in the
total bþbH content compared to the non-hydrogenated alloy
was evident. No distinct difference was evident in the
microstructure of the EBM alloy after four-day hydrogenation
(Fig. 1f) compared to three-day hydrogenation, except some
decrease in the aþaH content.
Fig. 2a,b and Fig. 2c show SEM images of the cross-sections
of non-hydrogenated wrought and EBM alloys, respectively.
The microstructure of the non-hydrogenated wrought alloy
(Fig. 2a, b) consisted of a matrix of an equiaxed primary aphase, intergranular b-phase (light-gray), and partially
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Fig. 1 e Light micrographs revealing the microstructure in metallographic cross-sections after chemical etching in Kroll’s
reagent. Non-hydrogenated wrought (a) and EBM (b) alloys, wrought and EBM alloys after three (c,d) and four (e,f) days of
hydrogenation.

lamellar packets [24,82,83]. The microstructure of the nonhydrogenated EBM alloy (Fig. 2c) consisted of a laths with
€ tten
different sizes and orientations, arranged in a Widmansta
structure inside the prior b grains, along with b bars embedded
in the continuous a-phase [17,18,32]. More pores were
distributed in the microstructure of the non-hydrogenated
EBM alloy compared to the wrought alloy, which may be expected for a powder bed fusion (PBF) EBM process. Image
analysis of the SEM images roughly estimated b-phase contents of 6.1 and 4.8 vol% in the wrought and EBM alloys,
respectively. However, more accurate values were obtained
from XRD, as will be shown below.
After one-day hydrogenation, some hydrogen-related
microvoids appeared in the wrought alloy, mainly adjacent

to the surface (Fig. 2d). After four-day hydrogenation, the
number of microvoids increased, in particular in the bulk alloy
(Fig. 2e). These voids apparently nucleated and grew around
the a/aH/bH interphase (Fig. 2f). Fig. 2e also demonstrates the
continuous pathways for hydrogen diffusion in the short
transverse direction in the wrought sample. Higher magnification revealed four different morphologies, which may be
related to four different phases (Fig. 2g). The morphology
marked #1 in Fig. 2g was not observed in the nonhydrogenated wrought alloy.
After one-day hydrogenation, some hydrogen-related
microvoids appeared in the EBM alloy, mainly adjacent to
the surface. In addition, a bright reaction zone with a distinct
morphology of its own formed near the surface (Fig. 2h). Based
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Fig. 2 e SEM micrographs revealing the microstructure in metallographic cross-sections. Non-hydrogenated wrought (a,b)
and EBM (c) alloys, wrought alloy after one (d) and four (eeg) days of hydrogenation, EBM alloy after one (h), three (i) and four
(jem) days of hydrogenation. All images are secondary electrons (SE) images, except (l) which is a backscattered electrons
(BSE) image. The local chemical composition of the four regions marked in (g) is given in Table 2.
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on XRD results (see below), this reaction zone may be related
to the formation of titanium hydride, although SIMS mapping
did not identify it. After two-day hydrogenation, no further
change in the microstructure of the bulk EBM alloy was
evident. As described above, a crack was observed in the EBM
sample hydrogenated for three days (Fig. 1d). SEM observation
(Fig. 2i) revealed that this crack was actually filled by a solid
matter. Fig. 2i also demonstrates the non-continuous b-phase
pathway for hydrogen diffusion in the short-transverse direction in the EBM sample.
After four-day hydrogenation, the width of the reaction
zone adjacent to the surface was essentially unchanged, and
microcracks emanating around coalescing microvoids were
apparent (Fig. 2j,k). Many more microvoids appeared in the
bulk alloy, mainly at a/aH and b/bH interphases (Fig. 2l). In
several locations, a bright phase with a distinct morphology
seemed to fill cavities (Fig. 2m). The location and morphology
of this phase are similar to those recently observed by in situ
electrochemical hydrogen permeation experiments in a SEM
coupled with an electron backscattered diffraction (EBSD) [82].
In that study, this phase was shown to be a titanium hydride
in a wrought Tie6Ae4V alloy.
Table 2 summarizes local EDS data acquired on metallurgical cross-sections of non-hydrogenated wrought and EBM
alloys as well as the counterpart materials hydrogenated for
four days. For the wrought alloy charged for four days, a
comparison is also made between the local composition
within zones with four different morphologies in Fig. 2g. For
the EBM alloy charged for four days, the composition range in
parenthesis represents six different morphologies observed in
the microstructure of this alloy. Neither Pd or Pt from the
anode nor P from the electrolyte was detected by EDS (the
samples for this analysis were not coated with Pd/Au thin
layer). The crack in Fig. 2i was found to be filled with a solid
material consisting of C, Ti, O, Al, and Cl, the origin of which is
likely the mounting resin material. Hydrogenation seemed to
decrease the concentration of Ti and increase the concentration of V. Similar trends, along with decrease in the concentration of Al, were reported in Ref. [16] for the a-phase; they
were related to a-to-b phase transformation.

XRD phase and microstrain analysis
XRD patterns of non-hydrogenated and hydrogenated EBM
samples are shown in Fig. 3. The non-hydrogenated alloy
contains two phases: a major a-phase and a minor b-phase
with a (101) and (110) texture, respectively. In contrast, the

Fig. 3 e XRD patterns of non-hydrogenated and
hydrogenated EBM Tie6Ale4V.

hydrogenated samples contain two designated phases: (1) hcp
phase with peak positions similar to the original a-phase of
the non-hydrogenated sample. Since peak positions of this
phase did not change following hydrogenation, it seems that
the majority of this phase is not a solid solution of hydrogen in
a-phase (designated herein as aH). However, since we cannot
distinguish between the contents of a and aH, a reference is
made herein to a/aH or aþaH; (2) bH-phase (bcc) with peaks
shifted to lower reflection angles compared to the original
non-hydrogenated b-phase, indicating an increase in the unit
cell size of the b-phase due to hydrogenation.
Other peaks in the diffractogram (at 2q ¼ 37.6, 43.5, and 80.3
deg) do not match well other reported phases in the International Center for Diffraction Data (ICDD), such as d-TiH2, dTiHx, and g-TiH. Crystallographic information taken from
Refs. [84] was used to manually construct a file for the metastable g-TiH tetragonal phase. Upon trying to fit this tetragonal phase to our data, many peaks were missing, and it did
not fit. The peak at 2q ¼ 37.6 deg can neither be related to
2q z 36.8 deg designated in Ref. [85] as g-TiH nor to the
strongest reflection of g-TiH in ICDD file no. 00-040-1244
(2q ¼ 36.02509 deg). ICDD file no. 03-065-0139 (g-TiH) does not
match well either, so is ICDD no. 00-059-0236 (TiH0.74).
The undesignated peaks were resolved by matching the
peaks to two different phases with an fcc structure (d-TiH2like and d-TiHx-like structures), which are attributed to hydride phases and referred hereafter as da and db, both with

Table 2 e Local (EDS) chemical composition (wt%) in non-hydrogenated and four-day hydrogenated EBM and wrought
Tie6Ale4V alloys.
Sample
Wrought, reference
EBM, reference
Wrought, 4-d
Wrought, 4-d, morphology
Wrought, 4-d, morphology
Wrought, 4-d, morphology
Wrought, 4-d, morphology
EBM, 4-d

1
2
3
4

in Fig.
in Fig.
in Fig.
in Fig.

2g
2g
2g
2g

Ti

Al

V

90.61
90.83
89.93
90.80
88.17
89.01
89.99
90.51 (86.11e90.61)

5.82
5.68
5.93
5.94
5.10
5.70
5.47
5.69 (5.48e6.12)

3.57
3.49
4.14
3.26
6.73
5.29
4.54
3.80 (3.21e8.39)
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Fig. 4 e XRD patterns of non-hydrogenated and four-day
hydrogenated EBM and wrought Tie6Ale4V alloys.

space group Fm-3m (225). The presence of high-angle peaks,
namely the (222) plane at just under 2q ¼ 81 deg, support the
presence of such a smaller cubic phase. Fig. S6 shows a TOPAS
Rietveld refinement (weighted profile R-factor, Rwp ¼ 13.02) of
a typical X-ray diffractogram of hydrogenated Tie6Ale4V
sample. All four phases claimed by us yield a strong fit.
The diffractograms of the hydrogenated samples did not
change significantly with increasing hydrogenation time,
indicating that the material surface reached steady state
already after the first day of charging (i.e., hydride penetration
is larger than the X-ray beam penetration). A similar behavior
as a function of charging time (not shown here) was observed
for the wrought alloy.
XRD patterns of EBM and wrought alloys in the nonhydrogenated and four-day hydrogenated conditions are
shown in Fig. 4. Both non-hydrogenated alloys consist of the
same phases, and so are the hydrogenated EBM and wrought
alloys. The a/aH, da, and db reflections were at similar angles in
the wrought and EBM alloys. In contrast, the b/bH reflections of

the wrought material were shifted to lower angles in comparison to the b/bH reflections of the EBM material, indicating
larger unit cells of the two phases in the wrought material.
The original crystallographic orientations of the a-phases in
both alloys did not change due to hydrogenation.
The lattice parameters and phase content (wt%) of both
non-hydrogenated and hydrogenated alloys are listed in Table
3. The phase contents in each hydrogenated alloy are presented in terms of mean and standard deviation for all hydrogenation periods combined due to the similarity in peak
positions during 1e4 day charging periods. For the same
reason, the lattice parameters in the hydrogenated alloys are
the minimum and maximum values that were obtained for all
hydrogenation periods. It is evident that both nonhydrogenated alloys contained a similar amount of b-phase
(6.13 and 6.87 wt% in the wrought and EBM alloys, respectively). This is higher than the value of 2.5 ± 1.4 wt% which
was previously reported for the EBM material [62]. After hydrogenation, the bþbH content in both alloys is similar to the
original b content, but the lattice parameters of the bH-phase
expanded by 2.07% and 1.84% in the wrought and EBM alloys,
respectively. This expansion is expected due to high solubility
of hydrogen in the b-phase. In contrast, the lattice parameters
of the a/aH-phases were similar to the lattice parameters of
the a-phase in the non-hydrogenated alloys, due to the low
solubility of hydrogen in the a-phase.
The aþaH content in both alloys decreased significantly
compared to the a-phase content in the non-hydrogenated
alloys, by 58% and 78% in the wrought and EBM alloys
respectively. The da-phase content in the wrought material
was about 2/3 of its content in the EBM material, while the dbphase content was similar in both hydrogenated alloys. This
suggests that the tendency of a-phase to transform to da hydride during hydrogenation is higher in the EBM material than
in the wrought material.
In principal, a different hydrogen behavior in the EBM alloy
compared to the wrought alloy may result from different microstructures, porosity, and residual stresses (or microstrains). The latter was evaluated based on XRD data analysis.

Table 3 e Lattice parameters and phase content in the non-hydrogenated wrought and EBM alloys as well as after
hydrogenation (n ¼ 4 for each hydrogenated alloy). The phase contents in the hydrogenated alloys are presented in terms
of means and standard deviations for all hydrogenation periods. The lattice parameters in the hydrogenated alloys are the
minimum and maximum values that were obtained for all hydrogenation periods.
Wrought alloy
a, b (
A)
Non-hydrogenated
a
2.9266
b
3.2208
Hydrogenated
2.9230
a/aH
2.9258
3.2821
bH
3.2921
da
4.3053
4.3131
db
4.1407
4.1530

c (
A)

EBM alloy
Content (wt%)

a, b (
A)

c (
A)

Content (wt%)

4.6699

93.87
6.13

2.9246
3.1995

4.6698

93.13
6.87

4.6692
4.6791

39.3 ± 5.7

2.9202
2.9255
3.2567
3.2593
4.3075
4.3116
4.1351
4.1419

4.6635
4.6679

20.6 ± 5.0

6.4 ± 0.5
44.8 ± 4.0
9.5 ± 5.3

6.2 ± 0.5
60.2 ± 5.5
13.0 ± 1.2
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The microstrains in the non-hydrogenated EBM and wrought
alloys were 4 ± 1  104 and 3 ± 1  104, respectively, in the aphase and zero in the b-phase. Therefore, different behavior of
hydrogen in both alloys cannot be attributed to different residual stresses due to different processing routes. Pushilina
et al. [86] showed that the microstrain in the a-phase
decreased from 3.0 ± 0.1  103 to 1.3 ± 0.1  103 as the beam
current was increased from 2.5 to 3.5 mA. In the present study,
the beam current was 28 mA, hence the value reported above
for the EBM alloy is reasonable. After two-day hydrogenation,
the microstrains in the a/aH-phase increased to 15 ± 2  104
and 24 ± 1  104 in the EBM and wrought alloys, respectively.
After four-day hydrogenation, the measured values were
20 ± 2  104 and 23 ± 1  104, respectively. The microstrains
in the bH-phase also increased due to hydrogenation, to
51 ± 3  104 and 46 ± 4  104 in the EBM and wrought alloys,
respectively. The microstrains in the da-hydride were
63 ± 2  104 and 54 ± 1  104 in the EBM and wrought alloys,

25533

respectively, after two-day hydrogenation; and 57 ± 0.6  104
and 63 ± 2  104, respectively, after four-day hydrogenation.
The equivalent values for the db-hydride were 36 ± 1  104
and 25 ± 1  104, respectively, after two-day hydrogenation;
and 34 ± 1  104 and 18 ± 2  104, respectively, after four-day
hydrogenation. Thus, it may be concluded that there does not
appear to be any major microstrain difference between the
EBM and wrought alloys, either before or after hydrogenation.

TEM microstructural characterization of four-day
hydrogenated EBM alloy
TEM imaging, selected area electron diffraction (SAED) and
local EDS analysis were used to associate crystallographic
phases with microscopic appearance and chemical composition in the EBM alloy hydrogenated for four days. The TEM
sample was extracted from the surface of a four-day hydrogenated sample (similar to the XRD analysis location). The a/

Fig. 5 e Bright-field TEM micrographs and corresponding SAED patterns acquired from a four-day hydrogenated EBM
Tie6Ale4V alloy. (a) a/aH, (b) bH, (c) da-hydride, and (d) two possibilities e a/aH (left inset) or db-hydride (right inset).
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aH-phase was identified with hexagonal structure (Fig. 5a) and
lattice parameters a ¼ 2.932 
A, c ¼ 4.643 
A. Its approximate
chemical composition was 92.7 Ti, 4.7 Al, 2.6 V (wt%), i.e., the
local vanadium concentration was lower than the nominal
composition in the non-hydrogenated alloy. The bH-phase
was identified with a cubic structure (Fig. 5b) and a lattice
parameter a ¼ 3.272 
A. Its local chemical composition was 69.7
Ti, 0.8 Al, 25.5 V, and 3.9 Fe (wt%). The high vanadium concentration indicates V-to-Ti substitution when b is transformed to bH.
The da-hydride phase with a cubic structure having the Fm3m space group (Fig. 5c) and a lattice parameter
a ¼ 4.28 ± 0.04 
A was identified. Its local chemical composition
was 80.7 Ti, 1.8 Al, 15.9 V, and 1.7 Fe (wt%). The high content of
vanadium in da, which was reported before [87], may explain
the smaller lattice parameter of this phase compared to d-TiH2
and d-TiHx hydrides. Vanadium is known to reduce the lattice
parameter of MH2 (M ¼ Ti þ V) while substituting Ti. On the
two extremes, the lattice parameter a is reduced from 4.448 
A
A for VH2 (ICDD no. 01for TiH2 (ICDD no. 00-025-0982) to 4.268 
071-4967). The SAED of the phase shown in Fig. 5d may be
A,
attributed to either hcp a/aH (left inset in Fig. 5d, a ¼ 2.9202 
c ¼ 4.6635 
A) or fcc db-hydride (right inset in Fig. 5d, a ¼ 4.1476).

The reason for this uncertainty is overlapping of the interplanar distances of the phases e a(110) with db (220). The
local chemical composition (EDS) e 93.7 Ti, 4.0 Al, 2.3 V e favors the identification of the phase in Fig. 5d as a/aH. The
inability to identify unambiguously the db hydride phase by
TEM does not undercut its identification by XRD, which better
reflects the average phase composition adjacent to the sample
surface.

ToF-SIMS analysis
Fig. 6 shows ToF-SIMS image mapping of the total hydrogen
intensity and the titanium hydride intensity in wrought and
EBM samples. The total hydrogen intensity is comprised of
solute hydrogen, surface adsorbed hydrogen, noise, etc. The
fact that hydrides were clearly evident in Fig. 6b,d and that the
microstructure of the Ti alloys correspond well with that in
Fig. 1e,f and Fig. 2e,h implies that the signal-to-noise ratio is
sufficiently high for some meaningful analysis. From Fig. 6 it
may be concluded that hydrides are aligned in parallel to
interphase boundaries and that higher structural complexity
exists in the EBM alloy compared to the wrought alloy. The
dark areas in this figure may be related to the less

Fig. 6 e ToF-SIMS image mapping of the total hydrogen intensity (a,c) and the titanium hydride intensity (b,d) in wrought
(a,b) and EBM (c,d) samples. (a,b) Reveal the whole cross-section, whereas (c,d) reveal the upper side of the cross-section.
Brighter areas indicate higher signal (concentration) of hydrogen.
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Fig. 7 e ToF-SIMS line scan profiling of the total hydrogen concentration. A narrow line scan in the wrought alloy (a) and the
corresponding concentration profile (b). A broad line scan in the EBM alloy (c) and the corresponding concentration profile
(d).

hydrogenated a-phase. In a small fraction of the hydrides,
oxygen and carbon impurities were detected.
Fig. 7a draws a narrow (blue) line scan on Fig. 6a in order to
construct the profile of the total hydrogen concentration across
the thickness of the wrought sample. The profile itself is shown
in Fig. 7b. A similar behavior was observed by SIMS in the case
of the EBM alloy (not shown herein). It may be concluded that
hydrogen absorption in the wrought alloy is not limited to the
near-surface region, but instead hydrogen penetrates through
the whole bulk sample. Comparing Fig. 7b with Fig. 7a it is also
concluded that low local concentration of hydrogen may be
related to the less hydrogenated a-phase. These large hydrogen
intensity variations emanating from different phases required
that any comparison between the samples was made using an
average hydrogen content within the analysis area.
SEM revealed in the cross-section of hydrogenated EBM
alloy a near-surface region with morphology different from
the majority of the bulk sample (see Fig. 2h,j for one- and fourday charging, respectively). Such a distinguished layer was

Fig. 8 e H2-TPD spectra for wrought and EBM specimens
precharged with hydrogen for four days. The spectra were
measured at a heating rate of 15  C/min.
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not observed by light microscopy (Fig. 1). Hydride mapping by
SIMS did not reveal it either. This cannot be related to high
noise-to-signal because other microstructural features in the
SIMS image can be seen. Nevertheless, mapping of total
hydrogen by SIMS may reveal this layer (Fig. 7c). A broad line
scan (marked by the green rectangle in Fig. 7c) yielded the total
hydrogen profile shown in Fig. 7d. It is evident that the nearsurface region with distinct morphology is richer in
hydrogen compared to the bulk sample.
Fig. S7 shows the average normalized intensities H/Ti and
TiHx/Ti, as determined by SIMS. No significant difference in
the hydrogen content (in its different forms) was detectable
when comparing the wrought alloy to the EBM alloy. However,
it should be borne in mind that SIMS provides only local
chemical analysis, and only of one sample from each alloy in
this study. Therefore, the similarity in the total hydrogen
concentration might be misleading, and a bulk analysis of
significantly larger sample volumes is preferable. This was
achieved in this study by TPD (see Section TPD analysis
below). Mass spectra (not shown herein) indicated that in
both alloys the hydrides were of the same type, in accordance
with the XRD results presented above.

TPD analysis
The thermal desorption spectra of H2 from the wrought and
EBM specimens hydrogenated for 4 days are presented in
Fig. 8. It can be seen that for both alloys hydrogen desorption
initiates at ~400  C, with a single desorption peak at ~620  C.
The amount of desorbed hydrogen, obtained by integrating
the H2-TPD spectra, is 5900 ± 1800 wtppm (4 samples) and
3500 ± 400 wtppm (3 samples) for the wrought and EBM
specimens, respectively. The hydrogen contents desorbed
from the wrought and AM Tie6Ale4V alloys after two- and
three-day charging are summarized in Table S1.

Discussion
In this work, we compared the hydrogen behavior in EBM and
wrought Tie6Ale4V alloys to determine the role of microstructure. Hydrogen was introduced into the alloys electrochemically via one-, two-, three-, and four-day charging.
However, this article focuses mostly on the comparison between non-hydrogenated and four-day hydrogenated alloys.
It was shown that the hydrogenated EBM alloy was more
prone to hydrogen cracking along interphase boundaries. Both
non-hydrogenated alloys showed similar values of density
(Section Chemical composition and density), microstrain, and
b-phase content (Section XRD phase and microstrain analysis)
and, therefore, the differences in hydrogen behavior in the
two alloys cannot be attributed to these microstructural features. The higher susceptibility to hydrogen embrittlement of
the EBM alloy can be attributed to the finer needle-like,
smaller lattice constants and non-continuous b-phase particles in the EBM alloy. The path of microcracking observed by
light microscopy and SEM, and hydride arrangement observed
by SIMS mapping, support this conclusion.
The phase composition at the surface of both alloys
reached steady state already after one day of charging, and

consisted of a/aH (hcp) and bH (bcc) solid solutions as well as
two hydrides e da (fcc) and db (fcc), with lattice parameters
that have not been reported before and are smaller than those
of d-TiH2 and d-TiHx. Extension of the present work may thus
result in new International Center for Diffraction Data (ICDD)
files for these hydrides.
While the db-content was similar in both alloys, the daphase content was higher in the EBM alloy. Furthermore, the
unit cells of the b (non-hydrogenated) and bH phases were
larger in the wrought alloy than in the EBM alloy. The lattice
parameters of the bH phases were expended due to hydrogenation and the high solubility of hydrogen in the b-phase.
In contrast, the lattice parameters of the a/aH phases were
similar to the lattice parameters of the a-phase in the nonhydrogenated alloys due to the low solubility of hydrogen
in the a-phase. The bH content was similar to the original bcontent of the non-hydrogenated alloys, suggesting that the
two hydride phases transformed from the primary a-phase.
Indeed, the aþaH content in both alloys decreased significantly compared to the a-content in the non-hydrogenated
alloys. The da-content in the wrought material was about 2/
3 of its content in the EBM material, while the db-content was
similar in both hydrogenated alloys. This suggests that the
tendency of the a-phase to transform to da hydride during
hydrogenation was higher in the EBM material than in the
wrought material, and therefore the wrought material contained less hydrides at its surface. It should be noted that
surface hydrides on titanium have been observed following
different electrochemical processes, such as galvanic
coupling of titanium to a less noble material [88], acid etching
[89], or cathodic polarization [49,90]. The number of publications reporting hydride formation in the bulk alloy due to
electrochemical charging is significantly lower (see, for
example [70]).
The simultaneous presence of da and db hydride phases is
attributed to the relatively small content of b-phase in the
non-hydrogenated alloys, which resulted in relatively low
diffusivity and solubility of hydrogen in these alloys and
facilitated the preferable nucleation and growth of d-hydrides
at a/b interphases [82]. The lower diffusivity and solubility of
hydrogen in the EBM alloy compared to the wrought alloy, due
to their different microstructures, favored the a/aH/da phase
transformation in vicinity to the surface of the EBM alloy. This
could both inhibit hydrogen entry from the environment and
serve as a source of hydrogen into the bulk alloy when sufficient energy is employed to decompose the hydride. The
microstrains in the a/aH and bH phases in the hydrogenated
alloys were higher than those in the a and b phases in the nonhydrogenated alloys; the largest microstrains evolved in the
bH and da phases.
For both alloys precharged for four days, the hydrogen
content values (~0.35e0.6 wt%) were lower compared to the
full hydrogen capacity reported for wrought Tie6Ale4V alloy
in powder form [14]. This suggests that in the current study
the hydrogenation conditions were milder, surface layers
acted as a barrier for either hydrogen absorption or hydrogen
desorption, or some hydrogen remained strongly trapped in
the alloys even when reaching the maximal measurement
temperature (950  C).
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The higher hydrogen content desorbed from the wrought
alloy compared to the EBM material is in opposite trend to
the hydride contents in both alloys based on XRD (see Table
3). A possible explanation could be that not all hydride
decomposed to desorb hydrogen from the sample when
reaching the maximal measurement temperature of 950  C
in the TPD tests. However, a complementary measurement
of the hydrogen content in the samples after TPD tests, by
inert gas fusion technique, showed that no residual
hydrogen was left in the samples (i.e., all absorbed hydrogen
was desorbed during heating to 950  C in the TPD measurements). The lower hydrogen uptake in the bulk EBM
alloy compared to the wrought alloy after four-day hydrogenation could thus be explained by the formation of a
barrier hydride surface layer on the EBM alloy [52]. However,
such a hydride layer was not detected by SIMS. Another
possible explanation to the higher solubility of hydrogen in
the wrought alloy is its lower solute oxygen content (see
Section Chemical composition and density and Table 1). It
has been reported that interstitial oxygen decreases the
hydrogen solubility in titanium at a fixed pressure [91e93],
possibly due to the blocking effect [92] and the decreases in
partial molar enthalpy and excess entropy of hydrogen
[91,93]. High interstitial oxygen content could thus favor
precipitation of the brittle hydride phase. If so, one of the
approaches to decrease the susceptibility of AM Tie6Ale4V
alloy to hydrogen embrittlement and hydrogen-induced
cracking may be to use a Grade 23 powder (ELI, maximum
0.13 wt% oxygen according to ASTM F3001 standard) instead
of Grade 5 powder (maximum 0.20 wt% oxygen according to
ASTM F2924 standard). Yet, it should be noted that the
concentration of oxygen in Ref. [91e93] was 5e42.9 at%,
significantly higher than either in the present study or in
the ASTM standards referred to above.
The significantly higher value of standard deviation in the
hydrogen content desorbed from the wrought alloy compared
to the EBM counterpart (pre-charged for four days) may be
attributed to non-uniform distribution of the a-phase and the
lamellar structure in the bulk wrought alloy (see Section
Microstructure and local chemical composition). On the other
hand, it cannot be related to variance in the experimental
conditions during electrochemical hydrogenation and/or in
the TPD system since the repeatability of results was high in
the case of the EBM alloy.
Both the wrought and the EBM alloys were embrittled by
hydrogen; however, the microstructure of the EBM alloy with
more a/b interphases promoted the a/aH-to-da phase transformation and made the EBM alloy more prone to hydrogeninduced cracking along interphase boundaries compared to
the wrought alloy. Hence, a post-treatment that increases the
size of the b particles may help improving the resistance of
EBM Tie6Ale4V to hydrogen-induced damage. Hydrogenation
resulted in formation of microvoids, either adjacent to the
surface or along interphase interfaces, their coalescence, and
emanation of microcracks around them. Porosity in electron
beam welded commercially pure (CP) titanium and electrochemically charged Tie6Ale4V has been attributed to
hydrogen diffusion-controlled bubble growth [94]. However,
the mechanism of hydrogen-related microvoid formation in
the current study seems to be different. One of the proposed
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hydrogen embrittlement mechanisms is the high-pressure
bubble formation mechanism, according to which bubbles
filled with molecular hydrogen can develop in iron and other
metals with endothermic heat of hydrogen solution under
conditions of high hydrogen fugacity [95e97]. However, titanium has exothermic heat of solution for hydrogen. Thus, the
mechanism of formation of hydrogen-related bubbles in the
wrought and EBM Tie6Ale4V alloys is puzzling; its understanding requires further research.

Conclusions
The effects of the microstructures of electron beam melting
(EBM) additive manufacturing (AM) and wrought Tie6Ale4V
alloys on their interaction with hydrogen charged electrochemically were studied. The following conclusions were
drawn:
1 A lower lattice constant of the b-phase, a larger amount of
a/b interphases, and discontinuous arrangement of bphase particles along the short-transverse direction in the
EBM alloy compared to the wrought alloy, enhanced hydride and microvoids formation, promoted hydrogen
cracking along interphase boundaries, and thus increased
the EBM alloy susceptibility to hydrogen embrittlement.
2 The surface of the hydrogenated alloys reached steady
state after one day of charging and consisted of a/aH (hcp)
and bH (bcc) solid solutions as well as da (fcc) and db (fcc)
hydrides that have not been reported before, even not by
the ICDD. These hydrides transformed from the original a
phase.
3 Hydrogen desorption was lower from the EBM alloy than
from the wrought alloy. This could be due to the higher
solute oxygen content, non-continuous arrangement of bphase in the short-transverse direction, and a smaller lattice constant of the b-phase in the EBM alloy. The effect of a
possible formation of a barrier hydride surface layer on the
EBM alloy cannot be ruled out either.
The use of a post-treatment that would increase the size of
the b particles is suggested to improve the resistance of EBM
Tie6Ale4V to hydrogen-induced damage.
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