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highlights
 Microvoids are observed in wrought Tie6Ale4V after electrochemical hydrogenation.
 Such voids do not form in wrought, single-phase, CP-Ti.
 Such voids are abnormal in hydride-forming metals with exothermic heat of solution.
 Shrinkage due to hydride precipitation is suggested as leading to void formation.
 Multiphase and fast diffusion paths into the bulk alloy promote void formation.
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exothermic heat of hydrogen solution. By comparison, hydrogen bubble formation is
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typically observed only in metals and alloys with an endothermic heat of hydrogen solu-
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tion that do not form hydrides. Here, we evaluate possible mechanisms for the formation
of microvoids and bubbles in Ti-based alloys. Additional experimental work confirms that

Keywords:

voids do not form in electrochemically hydrogenated, single-phase, pure wrought Ti,

Hydrogen embrittlement (HE)

whereas they do form in the wrought Tie6Ale4V alloy hydrogenated under the same

Bubble

conditions. In commercially pure Ti (CPeTi), hydride is formed from the surface inward,

Microvoid

and the surface is brittle and heavily cracked and disintegrated. By contrast, in the two-

Additive manufacturing (AM)

phase alloy, hydrides are formed also deeper in the bulk, and microvoids are evident

Tie6Ale4V alloy

both adjacent to the surface and along interphase boundaries. Alongside the forming hydride, the surface integrity is maintained, although some cracks are formed due to
microvoid coalescence. While the incorporation of hydrogen into the alloy causes a large
increase in its volume, we note that the precipitation of hydride from a supersaturated
solution causes a net contraction. We suggest that the mechanism that best reflects the
experimental evidence of microvoids formation is a manifestation of the contraction that
results from hydride precipitation from a hydrogen-supersaturated alloy.
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Introduction
One of the most common mechanisms of hydrogen embrittlement of metals is high-pressure bubble formation, according to which bubbles filled with molecular hydrogen can form
in metals with an endothermic enthalpy of hydrogen solution
under conditions of high hydrogen fugacity [1e4]. When the
pressure developed inside these bubbles is sufficiently high,
microcracks might initiate and emanate from them, even in
the absence of applied load [5e7]. In the case of metals with an
exothermic enthalpy of hydrogen solution, the hydrides of
which are either stable or can be stabilized by an applied
stress (e.g. Ti, Zr, or Nb), the hydride formation mechanism
was suggested to describe their embrittlement [8,9].
Recently, Navi et al. [10] observed by light microscopy and
scanning electron microscopy (SEM) microvoids either adjacent to the surface or along a/aH//b/bH interphase boundaries,
both in wrought and in electron beam melted (EBM)
Tie6Ale4V alloys, after electrochemical hydrogenation. The
amount of a/b interphase boundaries, hydride and microvoid
formation, as well as cracking along interphase boundaries
were more significant in the EBM alloy than in the wrought
alloy. The fact that voids appeared also in the extra-low
interstitial (ELI) wrought alloy suggests that they are neither
filled by a gas that is a product of a hydrogen-impurity reaction, nor the product of gas entrapment during the additive
manufacturing (AM) process. Recent research revealed that
oxygen plays an important role in phase transformation of
titanium hydrides [11]. Also, oxygen impurity-assisted
mechanism of hydrogen bubble nucleation in tungsten, according to which stable vacancy-oxygen-hydrogen complexes
form, was proposed [12]. Interestingly, voids as those reported
in Ref. [10] were not reported by others for either wrought [13]
or EBM [14] Tie6Ale4V alloys, following electrochemical hydrogenation in a similar electrolyte. However, we do identify
some microvoids in the vicinity of cracks in Fig. 2 in Ref. [13]
(SEM image of wrought Tie6Ale4V after electrochemical hydrogenation for 69 h at j ¼ 50 mA/cm2 in a 1:2 H3PO4:glycerine
electrolyte). We cannot tell whether the formation of these
microvoids was overlooked at that time, or if they existed also
in the non-hydrogenated alloy.
The formation of microvoids in titanium due to hydrogenation is an unexpected result since the partial enthalpy of
hydrogen solution in Ti is negative, and stable titanium hydrides are formed [15]. While void nucleation was reported for
coarse-grained commercially pure titanium (CPeTi) under
equibiaxial tension due to hydride fracture [16], and hydrogen
trapping in vacancies [17,18] may be the first stage in
hydrogen bubble formation, we could not find conclusive
experimental evidence for the presence of microvoids or
bubbles in hydrogenated Ti or Ti-based alloys.
Vanadium is another well-studied hydride-forming metal
with exothermic enthalpy of hydrogen solution. Since this
enthalpy is slightly less negative than that of Ti, some possible
mechanisms of hydrogen bubble formation would predict
more bubbles in V than in Ti. Yet, even in the case of V, no
observations such as in Ref. [10] have been reported. On the
other hand, hydrogen ion irradiation at room temperature
(RT) was reported [19] to yield small dislocation loops and
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cavities, which led to bubble coalescence only during
annealing at 500  C. Hultgren and Scott [20] reported blister
formation in both V and Nb as a result of proton bombardment
at RT, despite the temperatures being lower than the top
miscibility gap temperatures. Below these temperatures, vanadium and niobium hydrides are stable relative to gaseous
hydrogen even at low hydrogen partial pressures. A model for
this radiation blistering was not provided. Recently, first
principles calculations of the hydrogen-hydrogen and vacancy cluster-hydrogen interactions showed that hydrogen
self-clusters are unlikely to occur in V and cannot act as
initiation sites for hydrogen bubble growth [21].
The objective of this work is to discuss possible mechanisms for hydrogen-induced formation of microvoids and
bubbles in Ti-based alloys and suggest the one that best reflects our experimental data on EBM and wrought Tie6Ale4V
alloys. Hydrogenation of CP-Ti was performed in order to
elucidate whether the presence of two or more phases in the
microstructure is vital for void formation. Some complementary hydrogenation experiments were performed also on
wrought Tie6Ale4V alloy in order to verify reproducibility and
that void formation was not affected by a specific hydrogenation cell setup and the formation of black residues of the
type reported in Ref. [10].

Materials and methods
Comparison was made between wrought CP-Ti Grade 2 (ASTM
F67e00, max 0.25 wt% O, 5 mm thick plate, supplied by Barmil
Ltd.) and wrought Tie6Ale4V Grade 23 (ELI, ASTM F136) rod
(25.4 mm in diameter, produced by Dynamet, Inc., Washington, PA). Based on the material test report of the manufacturer
(ATI, Washington, PA), the CP-Ti contained 0.16 wt% O, 0.13 wt
% Fe, 0.011 wt% C, 0.007 wt% N, and the balance e Ti. Both
materials were cut by electric discharge machining (EDM),
mechanically ground and polished on both sides down to 1 mm
abrasive and sample thickness of 0.3 mm. Both sample types
were hydrogenated electrochemically in a two-electrode cell
at RT for 4 days. The electrolyte was H3PO4:glycerin (1:2 vol)
with Ar purging, and the charging current density was
j ¼ 25 mA/cm2. The cell geometry was modified compared to
Ref. [10], the circumferential anode being pure Pt foil instead
of Pd90Pt10 (wt%).
The microstructure of samples before and after hydrogenation was characterized on metallographic cross-sections
using both a light microscope (AXIS, Zeiss, Oberkochen, Germany) and SEMs (Quanta 200 FEG, FEI, The Netherlands &
Gemini 300, Zeiss, Germany). X-ray diffraction (XRD) at RT was
used for phase identification and phase content analysis of
the sample's surface. XRD measurements were performed
using a D8 ADVANCE diffractometer with a Bragg-Brentano
geometry (Bruker AXS, Madison, WI, USA) and Cu-Ka radiation source (l ¼ 1.5418 
A). The lattice parameters were fitted by
Rietveld refinement, using TOPAS software, ver. 5 (Bruker
AXS, Madison, WI, USA), fitting for the displacement error,
lattice parameters, microstrain and phase composition. NIST
Si 640e and LaB6 660c standard reference materials were used
to calibrate for peak position and peak shape, respectively.
Peaks were fitted using a TCHZ function type, where U,W,V
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and the asymmetry parameters were measured using LaB6
660c and fixed to account for instrumental contributions to
peak shape.

Experimental results
The XRD patterns of CP-Ti before and after hydrogenation are
shown in Fig. 1 a. The reflections of the non-hydrogenated
a(hcp) Ti are indexed according to the International Center
for Diffraction Data (ICDD) file no. 00-044-1294. The space
group of this phase is P63/mmc (194). The strongest reflection
of the non-hydrogenated CP-Ti in Fig. 1a is (002), and not (101)
as in the ICDD file. This indicates preferred orientation
(texture) of the Ti sheet, possibly due to well-defined, platy

habits [22]. The small peak at 2q ¼ 36.7 appears to belong to a
titanium oxide such as anatase, but one could not determine it
unambiguously based on one reflection only. The microstrain
in the non-hydrogenated CP-Ti a(hcp) was 6.7 ± 1.0  104.
After hydrogenation, the peaks of a-Ti disappear, and only
a hydride phase is evident, which is most likely a cubic d-TiH2
(indexed according to ICDD file no. 01-071-4960). This hydride
has space group Fm3m(225). Due to the peak at ca. 88.5 ,
which is unique to the cubic phase, the tetragonal TiH2 phase
(ICDD No. 00-009-0371) is ruled out. The strongest reflection of
the hydrogenated CP-Ti matches the strongest reflection in
the ICDD file. The small peaks at ~36.5 and ~39 appear to
belong to a cubic sub-stoichiometric titanium hydride similar
to TiH1.91 (ICDD No. 04-002-5206). However, owing to the small
amount of this secondary hydride, and the limited number of

Fig. 1 e XRD patterns of non-hydrogenated and 4-day hydrogenated wrought CP-Ti (a) and wrought Tie6Ale4V alloy (b).
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peaks, quantitative analysis is less reliable here and they are
not part of the fit. The microstrain in the hydrogenated CP-Ti
(hydride phase) was 20.0 ± 5.0  104. As expected, hydrogenation and the formation of hydride resulted in an increase in
the microstrain in the material.
The XRD patterns of the wrought Tie6Ale4V alloy, before
and after hydrogenation, are shown in Fig. 1b. Despite the
replacement of the Pd90Pt10 anode by a pure Pt anode, and
consequently the elimination of black residues as those
observed in Ref. [10], the results reproduce well those in
Ref. [10], namely: the hydrogenated alloy contains a/aH
(cannot be distinguished from the XRD pattern), along with a
bH solid solution and two hydrides with a fcc structure and
space group Fm3m (225) e d-TiH2-like (da) and d-TiHx-like (db).
As evident from Table 1, the lattice parameter of bH is larger
than that of b due to the high solubility of hydrogen in the b
phase. In contrast, the lattice parameters of a/aH in the hydrogenated alloy are more similar to those in the nonhydrogenated alloy due to the low solubility of hydrogen in
the a phase at RT [10]. It is also evident from Table 1 that the
hydrogenated alloy contains ca. 50% solid solutions and 50%
hydrides in vicinity of its surface. The bH content in the hydrogenated alloy is similar to that of b in the nonhydrogenated alloy (within the Rietveld refinement uncertainty), as reported in Ref. [10]. As reported in Ref. [10], the
microstrain in the non-hydrogenated wrought alloy was
3.0 ± 1.0  104 in the a-phase and zero in the b-phase. After
four-day hydrogenation, the microstrains in the a/aH-phase
and bH-phase increased to 23.0 ± 1.0  104 and
46.0 ± 4.0  104, respectively. The microstrains in da-hydride
and db-hydride were 63.0 ± 2.0  104 and 18.0 ± 2.0  104,
respectively.
In Fig. 2, a comparison is made between the cross-sections
of the 4-day hydrogenated wrought CP-Ti (a,b) and the
wrought Tie6Ale4V alloy (c,d) as observed in the SEM. The
defects in the vicinity of the surfaces for both samples are
quite different. In the Tie6Ale4V alloy, the structural integrity is maintained, but microvoids are evident both adjacent
to the surface and in the bulk alloy. It was reported in Ref. [10]
that these voids preferentially nucleate and grow at a/aH/bH
interphase boundaries. Some void coalescence is evident
around cracks, possibly indicating the mechanism by which
these cracks were formed. By contrast, the zone beneath the
surface of hydrogenated CP-Ti is clearly brittle and heavily

Table 1 e The lattice parameters and the content of the
phases in non-hydrogenated and hydrogenated CP-Ti
and Tie6Ale4V based on Rietveld refinement.
CP-Ti
a, b (
A)

c (
A)

Non-hydrogenated
a
2.9556
4.6894
b
Hydrogenated
a/aH
bH
da
db
d
4.4146

Tie6Ale4V alloy

Phase content

a, b (
A)

c (
A)

(wt.%, ± ca. 1%)

2.9203
3.2171

4.6578

93.13 [10]
6.87 [10]

2.9172
3.2851
4.3040
4.1410

4.6874

43.38
8.44
45.98
2.20
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cracked; yet, no microvoids are evident in this case. Since
such severe damage in hydrogenated CP-Ti has rarely been
reported, and the sample was neither defected before hydrogenation nor exposed to an applied load, it can be
concluded that the H3PO4:glycerin (1:2 vol) electrolyte
[10,23,24] is very efficient in promoting atomic hydrogen
adsorption at the metal surface. This is followed by hydrogen
absorption into the metal owing to the high viscosity of the
glycerin, even without containing surface poisons. Hydrogen
effects on CP-Ti are clearly more pronounced than on
Tie6Ale4V, as reflected by higher susceptibility to hydrogen
embrittlement and hydrogen-induced cracking (as evident
from the SEM images) and significantly higher degradation of
phase stability (as evident from X-ray diffractograms). These
effects can be explained by the significantly lower solubility
of hydrogen in the a-phase, which is the only phase in the
microstructure of CP-Ti, and by the transformation of a in
Tie6Ale4V into hydrides such as those reported in Ref. [10]
and identified again herein.

Mechanisms of microvoids formation
In the context of the following discussion, the difference between voids and bubbles in the metal should be noted. Bubbles are spherical cavities filled with gas whereas voids are
empty spaces (vacuum), e.g. clusters of vacancies in the
crystal lattice. The rounded shape of the microvoids observed
in the hydrogenated Tie6Ale4V alloy suggests that they may
have originated as gas bubbles. It is concluded that such
bubbles must be filled with hydrogen gas since no other gas
was present in the system.
Condon and Schober [1] pointed out that in order to precipitate in a bubble, the chemical potential of dissolved
hydrogen must be at least equal to that of the gas in the
bubble. For the bubble to grow, the pressure inside it must be
at least as large as required for plastic deformation of the
matrix by “dislocation punching” [1,25], which may be as high
as a few GPa [1]. Hence, the chemical potential of the gas in the
bubble must be higher than that at atmospheric pressure.
In Fig. 3, the chemical potential of dissolved hydrogen is
calculated with two up-to-date thermodynamic models
[26,27]. The use of such thermodynamic models should be
more accurate than the Henrian solution model implied by
equation (10) in Hou et al. [25]. A lower limit for the minimal
hydrogen concentration for bubble precipitation may be
estimated by observing the point where the calculated curves
equal zero. That is, the concentration at which the chemical
potential of dissolved hydrogen equals that of hydrogen gas
at standard conditions. It can be seen in Fig. 3 that the concentration of hydrogen required for precipitation from a-Ti
(hcp) is lower than that required for precipitation from b-Ti
(bcc). It is thus concluded that if hydrogen indeed forms
bubbles, the single a-phase CP-Ti should be more prone to
this phenomenon than the dual-phase Tie6Ale4V alloy.
However, this conclusion is in contrary to the experimental
results shown above.
Also in Fig. 3, it is shown that the concentration of dissolved hydrogen required for precipitation is relatively large,
at least 33 at%. This value is significantly higher than the
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Fig. 2 e SEM images of 4-day hydrogenated wrought CP-Ti (a,b) and wrought Tie6Ale4V alloy (c,d).

Fig. 3 e Chemical potential of interstitial hydrogen in Ti at T ¼ 298.15 K relative to gas at atmospheric pressure. The
calculation was performed without allowing miscibility gaps, but this has no influence on the conclusions drawn herein.

1e15 at% concentration that would cause the formation of
hydrides in the TieH system [15] in general, and in Tie6Ale4V
specifically [28]. Hence, it seems that if the high hydrogen
concentration of at least 33 at% is attained locally, a hydride
will form rather than bubbles. Indeed, hydrides are formed in
Tie6Ale4V, also at the same distance from the surface as the
observed voids. Therefore, based on Fig. 3, the interpretation
of voids in hydrogenated Tie6Ale4V as originating from

bubbles that precipitated because of hydrogen supersaturation may be ruled out.
An alternative view of the situation is based on the observation of volume changes occurring during hydride precipitation. When hydrogen is incorporated into the alloy, the
volume of the alloy expands. This is evident from the fact that
the volume per mole of TiHx is much larger than the volume
per mole of metallic Ti either in the a or in the b phase.
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However, below we consider the volume change that occurs
when hydride precipitates from a supersaturated solution,
which is a different process, distinct from hydrogen incorporation in the alloy.
The reaction of dissolved hydrogen, Hint, with metal to
form hydride:
xHint þ M / MHx

(1)

is accompanied by the overall volume change per mole:
DV ¼ VMHx e VM e xVH

(2)

where x is the ratio H/M in the hydride, VMHx is the molar
volume of the hydride, VM is the molar volume of the reacting
metal, and VH is the partial molar volume of dissolved
hydrogen. The relative volume change is computed as:
DV
VM þ xVH

(3)

The molar volumes of the d-hydrides of titanium, as well as
other parameters in Eq. (2) are given in Table 2. In Fig. 4, the
calculated relative volume change (3) is shown. It is evident
that as a result of hydride formation, the volume of the alloy
decreases. Thus, for a given (local) composition, hydride formation leads to shrinkage. As shown by the above calculations, the precipitation of hydride from a metal-hydrogen
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solution causes an overall decrease in volume. This requires
some explanation.
Incorporation of hydrogen in the alloy, either dissolved in
the metallic phases or as a hydride, causes an increase in the
alloy's volume. Moreover, the volume of the precipitated hydride is larger (per mole of metal) than the volume of the
metal. This causes a misfit. The hydride is in a state of
compression while the surrounding metal matrix is under
tension. The transition of hydrogen atoms from the solid solution matrix to the hydride causes an increase in the volume
of the hydride and increases the misfit stress. Concurrently,
the volume of the matrix around the hydride precipitate decreases because hydrogen is leaving the matrix, going into the
hydride phase. The partial molar volume of hydrogen in the
matrix is larger than the volume occupied by a mole of
hydrogen atoms in the hydride [29], hence this process results
in an overall decrease in volume of the whole system. We
suggest that under special conditions, such as in the present
work, this overall shrinkage may result in formation of
microvoids in the matrix. Such microvoids are likely to form in
vicinity of the precipitating hydride, but probably not at the
hydride/matrix interface.
€
As noted by Ostberg
et al. [30], this shrinkage effect has
nothing to do with the misfit stresses around the precipitate,
which are quite large. We note that the shrinkage calculated
for the precipitation process is not in contradiction with
the overall increase in the alloy volume as a result of the

Table 2 e Molar volume parameters for Eq. (2), applied to titanium and zirconium.

Ti

Zr

a

Parameter

[cm3/mol]

Source

d
VTiH
x
a
VTi
b
VH
d
VZrH
x
a
VZr
a
VH

11.3465,(1 þ 0.02663,x)3
10.635
1.6a
16.44
14
1.7 (average)

Calculated from lattice parameter data for 1.56 < x < 1.8 [35]
[36]
[37e39]
Calculated from lattice parameter data for 1.5 < x < 1.67 [40]
[41]
[42]

The chosen value is equal to that in Ref. [38]. It is larger than that in Ref. [37], but smaller than the lower limit of the range in Ref. [39].

Fig. 4 e Relative volume change due to formation of d-hydride from titanium and zirconium.
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incorporation of hydrogen. Shrinkage may occur only when
the precipitation of hydride is delayed, i.e., after the hydrogen
is already dissolved in the alloy. While we could not find direct
experimental verification of this shrinkage in titanium alloys,
it is evident from dilatometric measurements in Zr-alloys. For
example, Singh et al. [31] found by dilatometric measurements that dissolution of hydrides in Zr alloys upon heating
caused an increase in sample volume while precipitation of
€
hydrides upon cooling the alloy caused shrinkage. Ostberg
et al. [30] used dilatometry to measure volume changes
accompanying precipitation of hydrides in Zr and observed
shrinkage. Experimental observations similar to those of
Singh et al. were reported by other researchers as well [32e34].
The results of a simple calculation presented in Fig. 4 imply
that the same effect should be even stronger in Ti alloys.
It is proposed that under certain conditions this shrinkage
may lead to void formation. Two distinct situations are
depicted in Fig. 5. In Fig. 5a, the electrochemical hydrogenation of a single-phase metal such as CP-Ti is shown. Hydrogenation takes place within a near-surface layer. The layer is
cracked because of the misfit stresses and the brittleness of
the formed hydride. When shrinkage occurs, it is compensated by the overall swelling as a result of hydrogen intake.
Also, being close to the surface, shrinkage is manifested
simply by its effect on the outer specimen dimensions. Fig. 5b
shows the electrochemical hydrogenation of a two-phase
alloy, e.g. Tie6Ale4V. Hydrogen diffusion into the alloy occurs predominantly through one of the phases. This is in fact
the situation in the Tie6Ale4V alloy where the diffusion of
hydrogen is likely to take place in the b phase, because the
diffusion coefficient in this phase is significantly higher, as is
the solubility of hydrogen [13,43e45]. First, certain places in
the material become saturated, and only then hydride precipitation occurs, i.e., hydride precipitation is delayed. Additionally, hydride formation takes place not only in the thin
near-surface layer but also further away from the surface, as
observed experimentally in Ref. [10]. The delay in hydride
formation could thus be related to the hydrogenation at low
(room) temperature where only fast-diffusing paths through
the b phase operate, and so the hydride precipitation may
occur far from the surface.
The proposed mechanism is in line with the experimental
observations reported both in Refs. [10,46] and in the present
study: (1) the high density of a/b interphase boundaries favor
local hydride nucleation and growth; (2) da and db hydrides
are transformed from the primary a-phase in Tie6Ale4V;
(3) electrochemical hydrogenation results in formation of

microvoids in both wrought and EBM Tie6Ale4V alloys, either
adjacent to the surface or along a/aH//b/bH interphase
boundaries in the bulk metal; (4) hydrogen penetrates through
the whole bulk sample and hydride formation occurs in the
bulk metal, not just within the surface layer, based on time-offlight secondary ion mass spectrometry (ToF-SIMS) analysis;
(5) the microstructure of EBM Tie6Ale4V alloy with more a/b
interphases promotes the a/aH-to-da phase transformation
and makes the EBM alloy more prone to hydrogen-induced
cracking compared to wrought Tie6Ale4V.
In Tie6Ale4V, hydride precipitation occurs predominantly
at the a/b interphase boundaries. Therefore, in the calculation
of shrinkage it was assumed that in the hydride formation
reaction, the b phase was the source of hydrogen atoms while
the a phase was the source of titanium atoms. This may be
regarded as a delayed hydride precipitation; hydrogen first
dissolves in the b phase, and the precipitation occurs later by
reaction with the titanium in the a phase. When this precipitation occurs in the bulk of the material, shrinkage cannot be
accommodated by a change in the outer dimensions of the
sample, hence it takes place locally, leaving voids that contain
some hydrogen. The pressure of hydrogen in the so-developed
bubbles may be lower than atmospheric; hence, the threshold
concentration for its precipitation as molecular species is
lower than it would be if the pressure were atmospheric or
higher. The proposed mechanism for the formation of
hydrogen-filled microvoids is not competing with hydride
formation, but rather results from the hydride precipitation.
Hence, it should result in bubbles appearing in the immediate
vicinity of the hydride precipitates. One consequence of the
proposed mechanism is that the formation of microvoids is
expected to depend on the area of a/b interfaces as well as on
the b-content in the duplex alloy. This is in line with the
experimental observation of more microvoids in the EBM alloy
than in the wrought alloy. It is also anticipated that due to the
higher solubility of hydrogen in Ti-based alloys with higher bcontents, the driving force for hydride precipitation will be
lower, and consequently e the volume of related microvoids
and bubbles will be lower.
When evaluating this proposed mechanism, a question
arises whether it is specific only to Ti-based alloys. Zirconium
alloys, for example, are known to form d-hydride in a delayed
manner which causes delayed hydride cracking [47,48].
Extensive research has been carried out on hydrogenation of
Zr alloys because of their technological importance [47];
however, no voids or bubbles were reported. In order to
examine this, the volume shrinkage due to delayed hydride

Fig. 5 e Electrochemical hydrogenation of a metal. High hydrogen concentration is indicated by blue color; hydride is
indicated by green color. (a) Single-phase metal, and (b) two-phase alloy. (For interpretation of the references to color in this
figure legend, the reader is referred to the Web version of this article.)
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precipitation in Zr is also shown in Fig. 4 (the data for this
calculation is provided in Table 2). Fig. 4 shows that delayed
hydride precipitation in Zr is accompanied by less shrinkage
than in Ti. Perhaps this is the reason why microvoids/bubbles
such as those observed by Navi et al. [10] in Tie6Ale4V are not
observed in Zr-based alloys.
Obviously, the above discussion is not conclusive. For
example, the calculation of shrinkage in Ti was done based on
data on pure titanium hydrides, while in Tie6Ale4V we
should expect mixed-metal hydrides such as those found in
the TieAleH and TieVeH systems [49,50]. Also, a combined thermochemical-micromechanical model was not
constructed as it is too complicated for our current understanding of the system. However, the comparison between
hydrogenation of a single-phase metal and a two-phase alloy
did allow us to rule out some possible mechanisms for void
formation in Tie6Ale4V and suggest a mechanism that may
explain the phenomena observed experimentally.

Conclusions
From the above analysis of the experimental observations of
microvoids in hydrogenated wrought and EBM Tie6Ale4V
alloys and their absence in CP-Ti, the following conclusions
can be made:
1) Mechanisms that rely on precipitation of hydrogen gas
bubbles from a supersaturated matrix as competing with
hydride precipitation can be ruled out because such bubbles (or microvoids) are not observed in electrochemically
hydrogenated CP-Ti, in which our calculations concluded
they were supposed to be more prevailing than in
Tie6Ale4V.
2) The mechanism that seems to be most likely is based on
shrinkage that occurs when the formation of a hydride
from supersaturated alloy is delayed and occurs in the bulk
of the metal, and not just within a surface layer. The delay
in hydride formation could be related to the hydrogenation
at low (room) temperature where predominantly fastdiffusing paths through the b phase operate, and so the
hydride precipitation may occur far from the surface. In
this case, the resulting shrinkage cannot be accommodated by change in the outer dimensions of the sample.
Instead, microvoids are formed that can contain hydrogen
at pressures that are less than atmospheric. This proposed
mechanism does not assume formation of bubbles as a
process competing with hydride formation. Instead, the
proposed mechanism should lead to microvoids occurring alongside the precipitated hydride, as observed
experimentally.
3) The proposed mechanism should result in more hydrogenrelated microvoids and bubbles in Ti-based alloys that
either contain more a/b interfaces or have lower content of
the b phase compared to the a phase.
4) The suggested mechanism can be extended to other
hydride-forming alloy systems with exothermic enthalpy
of hydrogen solution.
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